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ABSTRACT

This report summarizes the present state of the art of
the physical metallurgy of line pipe steels and considers the
possibilities for developing new high-strength, high-toughness
grades of steel suitable for arctic pipelines. It is suggested
that, for large-diameter, heavy-walled line pipe in which 80 to 100-ksi
(550 to 69OwMN/m2)yield strength is required, quenched and tempered
low-carbon steels (€0.10C) offer an attractive combination of
strength, toughness, formability, weldability, and economy of
production, Two possible methods for manufacturing line pipe
incorporating a quench and temper process are outlined, and the
techniquesAfor controlling microstructure are discussed for both
methods. Flnally, the relations between the microstructure of
quenched and tempered low-carbon steel and two important
mechanical properties are discussed in detail. The mechanical
properties which are considered are the basic strengthening
mechanisms and the origins of fracture toughness, with particular

reference to dynamic toughness.
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LA METALLURGIE PHYSIQUE DE L'ACIER TREMPE ET
REVENU A BASSE TENEUR EN CARBONE AVEC UNE
REFERENCE SPECIALE AUX APPLICATIONS DU TUYAU
DE CONDUITE A LARGE DIAMETRE

par

J.D. Boyd*
RESUME

Dans ce rapport, l'auteur donne un résumé de 1'état actuel de
1'art de la métallurgie physique des aciers utilisés pour les tuyaux de conduite
et il considere les possibilités pour développer l'acier de qualité a haute
résistance et & haute ténacité convenable pour les pipelines arctiques. Pour
un pipeline 3 large diametre et de forte épaisseur dans lequel la limite
d'élasticité de 80 a 100-ksi (550 2a 690~MN/ rnz) est nécessaire, l'auteur
suggere que les aciers trempés et revenus a base teneur en carbone (<0, 10C)
offrent une combinaison attrayante de résistance, de ténacité, de ductilité,
de soudabilité et d'économie de production. Il donne les généralités sur
deux méthodes possibles pour la fabrication du tuyau de conduite qui incorpore
un procédé de trempe et de revenu et il discute aussi des techniques pour
contrdler la microstructure pour les deux méthodes. Derni‘er‘ement, il
discute en détail les rapports entre la microstructure de l'acier trempé et
revenu a basse teneur en carbone et les deux propriétés mécaniques impor-
tantes. L'auteur considere gue les propriétés mécaniques sont les mécanis-
mes résistants de base et les origines de la ténacité de fracture, avec une

référence particulitre a la ténacité dynamique.

*Chercheur scientifique, Section des métaux non ferreux, Division de la
métallurgie physique, Direction des mines, ministeére de 1'Energie
des Mines et des Ressources, Ottawa, Canada.




INTRODUCTION

The design and construction of pipelines to transport
natural gas from the Canadian Arctic present a formidable
challenge to the materials engineer. The massive capital outlay
required for such a project demands that a serious effort be
made to identify the most economical material and manufacturing
technique for the line pipe. Obviously, the most efficient
transmission of the gas is achieved with the largest diameter
pipe operating at the highest pressure. Thus, there is an
impetus to develop koth higher-strength line pipe materials and
the capability to manufacture large-diameter pipe. The achieve-
ment of these two goals is limited by several factors. Firstly,
the fracture toughness of the line pipe material is of paramount
importance; service conditions in the Arctic will be more
severe than previously encountered for gas transmission lines,
and a pipeline failure there would be expensive to repair.
Secondly, the line pipe must be such that it can be welded by
conventional techniques under arctic conditions. Finally, there
is the over-riding constraint of cost which pervades every step
of the operation from the production of the line pipe material
to the installation of the pipeline itself. Thus, the materials
engineer is faced with a classical materials selection problem
~- he must achieve certain stringent mechanical-property
criteria at the lowest possible cost. This report summarizes
the present state of the art of the physical metallurgy of
line pipe steels and considers the possibilities for developing
new high-strength, high-toughness grades of steel suitable for

arctic pipelines.



CURRENT TRENDS IN LINE PIPE STEELS

A large-diameter line pipe product, which i1s represen-
tative of those currently produced, would be 40-~in. (1.02-~m)
diameter, 0.40-in. (10.2-mm) wall thickness pipe manufactured to
either CSA Standard 2245.2 - Grade 65 or API Standard 5LX65. '
These standards require, in part, 65-ksi (450—MN/m2) yvield
strength, 80-ksi (550—MN/m2) ultimate étrength, 20% tensile
elongation over a 2-in. (50.8-mm) gauge length, and (sometimes)
an average shear area of at least 75% in the Drop Weight Tear
Test (DWTT). These property requirements are usually met by
using a grain-refined, carbon-manganese-niobium steel in the
controlled-rolled condition. The published compositions of some
representative steels are given in Table 1. This material has a
fine~grained, polygonal, ferrite-pearlite microstructure, which

is illustrated in Figure 1l(a).

Current development work in line pipe steel is cdncen—
trating on improving thé controlled~rolling techniques(l—3)'
The trend is towards lower carbon contents and higher percentages
of alloy elements such as niobium, vanadiﬁm, molybdenum, and
chromium. The published compositions of sbme steels which are
‘being developed are given in Table 2. The alloy elements, niobium
in particular, retard the‘recrystallization and grain growth of
austenite and depress the austenite-to-ferrite transformation
£emperature. The result is an extremely fine, ferrite-carbide
microstructure, which can have a non-polygonal morphology
(Figure 1(b)). Additional stréngthening is provided by an unre-
covered dislocaﬁion substructure and‘by precipitatidn of alloy
(1-6). It is expected that
this type of steel will be used for 50 to 60-in. (1.25 to 1.52-m)
diameter, 0.50 to 0.75-in. (12.7 to 19.0-mm) wall thickness pipe
manufactured to a Grade 70 (X70) Standard. In many cases a

carbides within the ferrite grains

spiral weld process will be employed in the manufacture of the

pipe.







TABLE 1: Representative Compositions for '"Grade 65" Steels

Steel Per Cent

C Mn S P Si Nb vV |AL Ce

Stelco X65 |.16|1.25|.009|.008|.35/.047|.047
Sumitomo X65].05|1.43].007].012(.17|.028|.05 015

Nippon X65 .1111.28].008|.014(.25|.04 }.06 |.03

TABLE 2: Representative Compositions for '"Grade 70" Steels(l’z)

‘Per Cent
Steel
C Mn |[Si |Nb Cu | Cr |Ni |Mo Ce | CEx*
Climax Mn-Mo-Ch |.05(1.85].15]|.09 . .25(.026| 0,41
Molycorp X-80 .0611.35 .10 .025] 0.29
Inco 787 - l.o5!1 .50 .035(1.20| .50].85].10 0.39

*Carbon equivalent = %C + %Mn + %Cr + %Mo + %V + INi + %Cu
6 5 15

It should be possible to develop higher-strength steels
of this type by increasing the alloy content, further modifications
of the controlled-rolling practice, and additional heat treatment.
However, there are several limiting factors which become increas-
ingly important as the strength level is raised. Firstly, there
is the universal inverée relation between fracture toughness and
yield strength. Although this relation can apparently'be reversed
over a finite range of yield strengths by refining the grain size
of the controlled-rolled steels' (Figure 2(a)); fhe general trend
is for the ductile~brittle transition temperature (DBTT) to




increase with increasing yield strength, (Figure 2(b)). This
limits the usefulness of controlled-rolled steels for
arctic-pipeline applications, since the objective is to
develop a steel with higher strength and better fracture
toughness than the present grade 65 and grade 70 steels. There is
also a 1imitatioh due to the weldability of the higher-strength
controlled-rolled steels. A "rule of thumb'" indicator of a
steel's weldability is the carbon-equivalent value which can be
defined as %C + %Mn 4+ %Cr + %Mo + %V + 9Ni + %Cu

6 5 15
When post-weld heat treatment is not possible, the carbon

equivalent value should not exceed 0.40(6), and two of the three
high~strength steels listed in Table 2 are up to that value
already. Therefore, it will be difficult to increase the strength
level of controlled-rolled steels for applications where weld-
ability is an important consideration. Finally, the increased
alloying required to achieve further increases in strength level
by this means will add significantly to the cost of the finished
line pipe.

It appears then that, as far as pipeline applications
are concerned, the practical limits of strength of controlled-
rolled steels are being approached with the recently developed
Grade 70 steels(s). Therefore, alternative types of steels and
processing techniques must be considered for line pipe material that
has 80 to 100-ksi (550 to 690—MN/m2) yield strength and which is
suitable for service in sections up to 1 in. (25 mm) thick in
an arctic environment. Figure 2(b) indicates that the required
combination of strength and toughness can be achieved only with
quenched and tempered steels. This possibility is discussed
further in the following section.
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Figure 2. Relationships Between the Ductile-Brittle Transition
Temperature and Yield Strength for Structural Steels
(a) Controlled-Rolled 0.05C-1.5Mn-0.04Nb Steel (4),
(b) General Trends for Various Structural Steels(6),




QUENCHED AND TEMPERED LINE PIPE STEEL

Quenching and tempering can be considered to be an
extension of the possible heat treatments for the
. existing grades of structural steels, e.g., those listed in
Table 2(7). Thus, by increasing the cooling rate from the
finishing temperature (quenching) and subsequently reheating
to and holding at an intermediate ageing temperature (tempering),
it is possible to achieve a higher yield strength for a given
alloy content than by a controlled-rolling process alone.
Alternatively, the same yield strength can be obtained with a
lower total alloy content. This could produce cost benefits
and alleviate the weldability problem by reducing the carbon-
equivalent value. The possibility of using existing grades of
steel in the quenched and tempered condition also greatly
simplifies the alloy development problem and minimizes the
number of compositions which the commercial steelmakers have to

(7)

and tempered steels is probably their superior toughness.

produce However, the most important advantage of quenched
Figures 2(b) and 3 illustrate that for a given yield strength
the DBTT is always lower for a quenched and tempered steel than
for a controlled-rolled steel. Furthermore, for a given steel
its toughness in the quenched and tempered condition can be
superior to that in the as-rolled condition, despite the fact
that the yield strength of the former is higher, (Figure 4).

The reasons why the fracture toughness of steels in the quenched
and tempered condition is better than in the as-rolled or

normalized condition are discussed in a later section.

It is concluded that quenched and tempered steels offer
an attractive combination of strength, toughness, weldability, and
economy of production for line pipe applications where 8¢ to 100-ksi
(550 to 690—MN/m2) yield strength is required. It has been generally
recognized that quenched and tempered steels can be used
advantageously as high-strength structural-steel plate products,
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Consequently, large-scale commercial facilities have been
constructed for producing quenched and tempered plate either by

means of a quench press(s_lo)

or by a continuous roller quench(ll).
Thus, considerable expertise is presently available for

the production of quenched and tempered structural steel plate.
However, the application of quenched and tempered steel to line
pipe presents additional problems. With increasing strength

level, forming and welding the pipe using quenched and tempered plate
become increasingly difficult, Hence, it is necessary to

consider alternative techniques for utilizing the quench and

temper approach in line pipe. One possibility would be to make the
pipe in the as-controlled-rolled and quenched condition, and to
develop the required mechanical properties by tempering the pipe.
This type of process would involve extending the present
controlled-rolling techniques such that, following a direct

quench, the plate can be easily formed into pipe, and the optimum
microstructure can be achieved simply by tempering. A second possi-
bility would be to make pipe from as-rolled plate, and to subject
the pipe to a reheat, quench and temper treatment., It should be
possible to achieve better microstructural control with this type

of process, but a facility for austenitizing and quenching full-
size lengths of pipe would be required. It is assumed that it is
technologically feasible to produce line pipe by either of the
above processes. The remainder of this report considers some of

the basic metallurgical parameters relevant to both processes.

MICROSTRUCTURE OF QUENCHED AND TEMPERED STEEL

The microstructures of quenched, low-carbon steels
have not been as well characterized as those of medium- or high-
carbon steels. The microstructures which can occur in low-carbon
steels vary widely in both type and scale, but their description
is usually imprecise, and the terminology is at present very
confused. Much of the difficulty arises from the use of opticél
microscopy alone to characterize the various structures. In many
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cases the microstructural constituents are dispersed on too fine
a scale to be suitably resolved optically, and structures which
are quite different in type or scale have the same nondescript
appearance at optical magnifications. As a result, these as-
~quenched microstructures have been variously identified asvlowf
carbon martensite, pseudo-pearlite, carbon-free bainite, o
bainitic ferrite, blocky ferrite, Widmanstdtten ferrite,

acicular ferrite, and massive ferrite(l’12’23). Each of these
terms defines a particular structure fairly precisely, but they

have been used interchangeably for similar structures ‘because
‘the distinction cannot be made by optical microscopy. However,
in most cases the variouS‘struétureS'can be differentiated by
electron metallography. An attempt will be made here to ﬁse a
consistent glossary of terms in order to characterize micro-
structures according to their final structure and to the type of

transformation from the austenitic condition.

Most of the microstructures considered in this report
can be ihitially categorized Optically as either polygonal
or non-polygonal ferrite. This identification indicates
that the matrix is b.c.c. ferrite, and whether the ferrite grains
are equiaxed (polygonal), or not, but it does not discriminate .
between different types of transformations. Thus, polygonal
ferrite can form either by a nucleatioh and growth process which is
diffusion controlled, or it can form by a massive transformation in
which growth is controlled by a short-range transfer of iron
atoms across austenite-ferrite interfaces(13)' The category of
non-polygonal ferrite embraces a wide variety of structures and
transformations, Figure 5 illustrates the different micro-
structures thatvcan be obtained by varying the cooling rate.
At the lower cooling rates,the austenite-ferrite transformation
occurs by a nucleation and growth process, but the ferrite grains
have an irregular shape (Figure 5(a)-(c)). At higher cooling
rates, the ferrite grains become smaller and more acicular. At
still higher cooling rates, the transformation product is bainite
(Figure 5(d)), and at the highest cooling rates, a martensitic
transformation occurs (Figure 5(e)). ‘
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Apart from this gross characterizatibn,it is difficult
to describe the non-polygonal ferrite microsfructures any more
accurately by optical microscopy. However, by using scanning
electron microScdpy and replica or transmission electron micro-
scopy, it ought to be possible to determine the size and

distribution of the carbides, i.e., pearlite or dispersed
‘carbideS' and to identify the type of transformation*. A series
of electron micrographs representing the important non-polygonal
ferrite structures in low-carbon steels is shown in Figure 6,

At the slowest cooling rate which still produces non-polygonal
ferrite, the transformed ferrite grains contain a tangled
dislocation substructure (Figure 6(a)). With increasing cooling
rate, decreasing transformation temperature, and increasing alloy
content, especially niobium, the ferrite grains become increas-
ingly acicular(lz), and the dislocation density goes up(l), In
this range of cooling rates the austenite;ferrite transformation
probably takes place by a nucleation and growth process, the
acicular ferrite forming under conditions which favor high
nucleation rates and slow growth rates. However, it is possible
‘that a massive transformation could occur which produces an
acicular transformation product. Becéuse of the rapidity of the
transformation, it is difficult to distinguish between these two

mechanisms. At higher quenching rates, a bainite transformation

*There is fairly good agreement on the definitions of the various
types of transformations(l4). However, it is sometimes difficult
to identify the type of transformation from the appearance of
the final microstructure. For example, it is generally held
that the fundamental characteristic of a martensite or bainite
transformation is the shape change which accompanies the trans-
formation of austenite to ferrite by a shear mechanism(13). The
occurrence of a shape change is conveniently indicated by
surface relief effects. However, recently it has been shown
that a shape change can result from a diffusion-controlled
nucleation and growth transformation(15). Therefore, the appear-
ance of the surface relief effects is not positive evidence of a
shear transformation. For most purposes, however, the information
obtained from electron metallography should be sufficient to
identify the transformation.




can occur. That is, acicular ferrite grains form in the austenite
by a shear mechanism, and the carbon segregates by diffusion to
form carbides. When the carbon-diffusion rates are high enough
for complete carbon segregation to the austenite, the final
microstructure consists of acicular ferrite grains with a
continuous network of carbide at the grain boundaries (Figure 6(b)).
This is called upper bainite to distinguish it from lower bainite
which forms at lower temperatures and higher cooling rates. In
the latter case, complete segregation of carbon to the ferrite-
austenite interface does not occur, and carbides precipitate
within the ferrite grains, often associated with a tangled
dislocation substructure (Figure 6(c)). At still higher quenching
rates the austenite to ferrite transformation is martensitic.

Two distinct types of martensite have been identified in low-
carbon steels. Lath martensite consists of parallel plates or
laths of ferrite which are often grouped in larger units that

have a block-like appearance at low magnification(17’20’24’25)
(Figure 6(d)). The individual laths contain a dislocation
substructure which often consists of low-angle boundaries(21’22),
and the habit plane of the laths is approximately (§I3)a(21) or
(557)Y(24)' The second type of martensite is called twinned
martensite and it forms at lower temperatures than the lath
martensite. Twinned martensite consists of acicular ferrite
plates which have an internal structure of fine lamellar twins

(Figure 6(e)).

The various transformation products that can form in
low-carbon steel can be summarized on a continuous-cooling-
transformation (CCT) diagram. Unfortunately, complete CCT
diagrams for steels with less than 0.1C are not readily available,.
However, the principles can be illustrated by reference to the
diagram for a 0.13C-0.56Mn steel shown in Figure 7. The cooling
curves shown for 0.5-in, (1.27-cm) and 2-in. (5.08~cm) plate are
for specimens reheated to and quenched from a fixed austenitizing
temperature., The measured cooling rate for direct-quenched 1.3-in.

)

(3.3-cm) plate of a 0.21C-0.85Mn steel(27 is also included in
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Figure 7. 1In order to consider the effects of parameters such

as alloy content, cooling rate, and austenitization temperature
on the final microstructure, it is convenient to consider their
effects on the temperature of the austenite-to-ferrite transforma-
tion. As the transformation temperature decreases, the final
microstructure should vary from polygonal ferrite +to acicular
ferrite, to upper bainite, to lower bainite, to lath martensite,
to twinned martensite. From this point of view, the parameters
of interest determine the operative transformation temperature,
and, hence, the final microstructure. For example, increasing
the cooling rate decreases the transformation temperature, as
shown by the cooling curves for specimens of different thickness.
The same effect is achieved by adding alloy elements such as
carbon, manganese, niobium, molybdenum, chromium,or nickel which
tend to shift the CCT curves to the right(l). Conversely,
alloying with silicon moves the CCT curves to the left, and
raises the transformation temperature for a given cooling rate.

It can be seen from Figure 7 that the expected cooling

rates relevant to the manufacture of 0.5 to 1.0-in., (12.7 to 25.4-mm)
thick line pipe are such that the austenite will invariably
transform to ferrite + pearlite, or to ferrite + carbide. It is
likely that the steel used for quenched and tempered line pipe
will be of much lower carbon content than the one represented by
the CCT diagram in Figure 7 and such a steel would have even
lower hardenability, as shown schematically in Figure 8. There-
fore, for the purpose of developing a suitable alloy and treatment
for manufacturing quenched and tempered line pipe, attention can
be focussed on the diffusion-controlled transformation of
austenite to ferrite. The inter-relations between microstructure
and the mechanical properties of quenched and tempered steels are

. discussed in a later section. However, it may be stated here
that from the point of view of optimizing mechanical properties,
the ideal transformation behaviour is represented by the cooling
curve for the 13/16-in. bar in Figure 8, by which most of the
austenite transforms at a low temperature to fine-grained, non-poly-

gonal ferrite, with no precipitation of either grain-boundary carbides
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or pearlite. The metallurglcal parameters which control the

transformatlon behaviour are discussed in detail below.

-The parameters that are considered to be most 1mportant
in determlnlng the transformation characteristics of 1ow~carbon

steel are:

alloy content

cooling rate

hot—rolling.schedule

B W N =

. austenitizing treatment (for a reheat-quench process). |

The effects of various alloy elements on the transformation
characteristics are too complex to be stated simply, but some

general trends can be noted Of the normal alloy elements,

carbon has the most profound influence on the transformatlon

behaviour but it is not relevant here because we are considering

only low-carbon (£0.1 C) steels. The effects of other popular

alloy elements on the ferrite-start temperature are illustrated

in Figure 9. Manganese lowers the ferrite-start temperature
significantly, (Figure 9(a)) and its use is limited only by the

onset of the bainite transformation. Provided the carbon content

is less than 0.4%, up to 2.0% Mn is acceptable (X212)" Figure 9(b)
shows that niobium also lowers the ferrite-start temperature,
particularly in combination with other alloy elements such as
molybdenum or boron. The magnitude of the effect of niobium

depends on the amount of niobium dissolved in the austenite,

which is in turn influenced by the carbon content and the rolling
schedule(l). This is another reason for keeping the carbon ;
content low because the niobium solubility decreases with

increasing carbon content. S . ' ‘

The inverse reélation between cooling rate and ferrite-
start temperature is illustrated in Figures 8 and 9(b). This is
not considered to be an important variable for controlling the
microstructure of quenched ahd tempered'line pipe because fhe
effect is not really significant until the cooling rate is quite
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high (>100°C/8); also,the cooling rate obtained in practice will
probably be fixed within fairly narrow limits by the manufaéturing
process.

Therefore; for a given steel composition and cooling

rate, the only variables that remain are the hot-rolling

schedule and the austenitizing treatment (for a reheat—quenéh
process). From the discussion up to this point, it can be
appreciatéd that achieving the goal of a fine;grained, non-
polygonal ferrite microstructﬁre will be aided by having the
smallest possible austenite grain size prior to transformation
and by having suqh elements as manganese and ﬁiobium in solution.
For a direct-quench process, the ferrite grain size is minimized
by controlled rolling to a low finishing temperature and alloying
with elements such as niobium, vanadium, titanium, and aluminum,
which inhibits recrystallization and grain growth of the’
austenite(4). Niobium seems to be the most effective element for
retarding austenite recrystallization, whereas all these elements
inhibit grain growth. It is’believed that the specific effect

of these elements on the rates of recrystallization and grain
growth is the formation during the later stages of hot rolling,
of a fine diépersion of carbides which pin the austenite grain
boundaries and sub-boundaries. Thus, it would appear that
Vniobium is a very useful alloy eiement_for controlling the micro-
structure of low-carbon steels, but some choice must be made
between the beneficial effects of niobium in solution and those
of niobium-rich precipitates. Similar considerations apply for
the reheat-quench process. However; it has been shown that
superior microstructures and mechanical properties are obtained
when a steel is quenched directly after hot rolling compared with
one which is air cooled, reheated to the same finishing tempera-
ture, and quenched (12’28—30). This phenomenon is attributed to

the fact that immediately prior to direct quenching after hot
rolling, the carbides are smaller and there are higher concentrations
of alloying elements in solution than after the steel has been air

cooled and reheated to the same temperature. However, there are no
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data on the size distributions of carbides in either of these two
conditions, and the exact mechanism by which the carbides inhibit
austenite recrystallization and grain growth is not really
understood. For either type of processing (direct quench or
reheat-quench), the finishing temperature or austenitizing
temperature is restricted to a range bounded by the ferrite-start
temperature at the lower extreme, and by an upper extreme at
which the austenite is sufficiently stabilized by dissolved alloy
elements to produce bainite when quenched(lz). Within these
limits, a compromise must be made between the advantages of a
small grain size and high dislocation density (low finishing/
austenitizing temperature) and a high concentration of alloy
elements in solution which increases hardenability and aging

response (high finishing/austenitizing temperature).

Finally, the microstructural changes which take place
during a tempering heat treatment will be considered. Unlike the
tempering of high-carbon steels, where the dominant effect is
the lowering of the carbon concentration in the martensite by
the precipitation of carbides, in the tempering of low-carbon
steels, the most important result is the strength increase due to
the precipitation of alloy carbides or nitrides (secondary
hardening). The only other significant microstructural changes
which could occur during tempering are segregation of carbon and
rearrangement of the dislocation substructure within the ferrite
grains. The tempering behaviour of low-carbon steels is
illustrated by the ageing curves in Figure 10 for a 0.04C-Mn-Nb
steel. The small decrease in hardness which occurs during
tempering at temperatures less than 500°C is associated with the

(31)

recovery of the dislocation substructure and with the segretation

of carbon to dislocations and sub—boundaries(sz).

At the cooling
rates (~10°C/S) likely to be achieved in quenching line pipe steel,
there will be considerable segregation of carbon to dislocations
during the quench, (it has been shown that segregation

occurs at cooling rates as high as 104°C/S provided that the

(32),,

carbon content is less than 0.2% In plain carbon steels,
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rod-shaped carbide precipitates have been detected after tempering
at temperatures between 150°C and 350°C(32—34). The exact nature
of this carbide phase is not known, but diffraction evidence has

(35) (36)

been found for e-carbide , Hagg carbide , and cementite

(FeBC)(34)° However, in steels containing alloy additions of
manganese, niobium, vanadium, etc., there is no apparent carbide
precipitation at tempering temperatures below 500°C(12’18). The
secondary hardness peak which occurs upon tempering low-carbon,
low-alloy steel between 500 and 650°C (Figure 10) is attributed
to the precipitation of alloy carbides, nitrides, or

carbonitrides(lz’lg).

These precipitates nucleate preferentially
on the dislocation substructure in the ferrite grains. The
precipitate phase is thought to be NbC in niobium-containing
steels, but the precipitate structures have not been determined
for either the vanadium-nitrogen or the niobium-nitrogen steels.
In copper-containing steels, the precipitate phase is either
e—copper(l) or elemental copper(lZ). For the plain carbon steels,
the ferrite grains recrystallize when tempered at temperatures
above 500°C(32), whereas, in the low-carbon low-alloy steels the
carbide precipitates stabilize the dislocation substructure for
tempering temperatures up to approximately 650°C(12). Therefore,
it should be possible to select an ageing treatment which gives
the combination of precipitation hardening and substructural
strengthening consistent with optimum mechanical properties. It
appears that the precipitation kinetics depend strongly on the
character of the dislocation substructure in the as-quenched
ferrite grains. An indication of this is the fact that niobium
carbide precipitates form at lower tempering temperatures in the
presence of a dislocation substructure than in dislocation-free
material(l8). The possibility of controlling the final distri-
bution of precipitates by varying the dislocation substructure

has not yet been investigated systematically.
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MECHANICAL PROPERTIES OF QUENCHED AND TEMPERED STEELS

Having discussed the various ways of controlling the
microstructure of quenched and tempered steels, we now consider
the relations between microstructure and some of the important
mechanical properties.' As usualg the alloy selection or develop-
ment problem is essentially one of obtaining the best combination
of yield strength and fracture toughness. Therefore, most of
the diécussion deals with these two properties. However, other
mechanical properties such as formability, weldability, and
susceptibility to stress-corrosion cracking are also.important,
and these are considered briefly at the end of this section.

Strengthening Mechanisms

The important methods of strengthening quenched and
tempered low-carbon steel are:

.grain-size control
dislocation-substructural strengthening

precipitation hardening

AW N

solid-solution strengthening

‘The lower yield stress varies inversely with the square root of
the grain size according to the well-known Petch relatlon( 7)
Theoretlcally, this relation follows from the fact that the shear
stress in an undeformed grain at a dlstance r from a grain

containing a dislocation pile-uypof length d is
r= (ry - 1y (@02 W

where Ty is the applied shear stress, and 7; is the effective
shear stress in a slip band. Hence, the lower yield stress for

a polycrystalline specimen is given by the Petch equatioh

-1/2 :
oy = o5 + Kd (2)




Practically, the Petch relation indicates that the lower yield
stress can be increased indefinitely by refining the grain size,
the strength increment varying with the value of the parameter k.
It is not clear how the grain morphology affects yield strength.
The high yield strengths which are found for the acicular ferrite
grain morphology can probably be attributed to the small
effective grain size rather than to any effect of grain shape

per se.

The magnitude of the dislocation-substructural streng-
thening effect is illustrated schematically in Figure 11 for
controlled-rolled plate. Apparently the yield strength varies
directly with the dislocation density which is determined largely
by the austenite-to-ferrite transformation temperature. Comparing
the load-extension curves for a low-carbon steel in the as-quenched
and in the quenched and tempered conditions (Figure 12) indicates
that the dislocation substructure influences the yielding and

work-hardening behaviour(12'33)

in addition to contributing to
the yield strength. The load-extension curve for a specimen in
the as-quenched condition exhibits continuous yielding and work
hardening with no obvious yield point. By contrast, the curve
for a quenched and tempered specimen exhibits a sharp yield point
and a very low work-hardening rate. This behaviour is attributed
to the fact that, in the as-quenched condition, the mobile
dislocation density is high and the dislocation substructure
provides the dominant intragranular obstacles to the movement of
glide dislocations. However, the precipitates which form during
tempering pin the dislocation substructure and drastically reduce
the mobile dislocation density. Therefore, when the stress
required to overcome the precipitate obstacles is reached, there
is a rapid increase in the density of mobile dislocations, and a

"yield drop" occurs in a constant-strain-rate test according to
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the relation

where ¢ = strain rate,
p = mobile dislocation density,
E = Burgers vector of the glide dislocations, and
v = dislocation velocity which is, in turn, a funqtion of

stress.

Furthermore, in the quenched and tempered condition, the
precipitates are the dominant obstacles to the movement of glide
dislocations, and the pre-existing disldcation‘substructure is
not so important. The low rate of work hardening suggests that,
once a slip band has pehetrated a grain it is easier for slip'fo
concentrate there rather than in an undeformed region., This
could be explained by the'mechanism proposed by Gleiter and

(38)

sheared by the glide dislocations, as suggested by Nicholson(sg).

Hornbogen provided the carbide and nitride precipitates are

The magnitude of the strength increment due to
precipitation reactions 1is indicated by the broken line in
Figure 11. It has been established that the strength increment
varies with the size and volume fraction of the precipitate
particles (Figure 13), in agreement with the theories of

precipitation hardening(Sg);

The alloy elements (Nb, VvV, Zr, Ti)
which are conventionally used to promote precipitation hardening
have been selected because they tend to form precipitates

in the size range which gives maximum strengthening (<1004).
However, there has not been a systematic study of the relation
between the size distribution of the various preéipifété‘phases
and the resulting yield strength. As mentioned previously, by
suitable quench and temper treatments it ought to be possible to
control the precipitate size distribution and dislocation
substructure to optimize strength and toughness,
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Compared with the other mechanisms discussed here,
solid-solution strengthening is not a very efficient or flexible
method of achieving high yield strengths. VIt is well known that
elements such as carbon, nitrogen, phosphorus, tin,and antimony
produce the largest increments in yield strength per weight of
alloy. However, all of these elements have serious adverse
effects on other mechanical properties/which prevent their being
used extensively for solid-solution strengthening. Only the
elements manganese and nickel can be used in significant amounts

for their solution-strengthening effects, because they simultaneously

increase toughness and yield strength. Both of these elements
produce grain refinement, but the effeéts'on toughness and strength g
are greater than those expected from grain refinement alone. The
beneficial effect of manganese is greatest in alloys which

contain large grain-boundary carbides, because the specific

effect bf manganese is to refine the carbide size(4o). This
mechanism is. probably not relevant to quenched and tempered low-
carbon steels but, as stated previously, it is worthwhile to
alloy with up to 2.0% Mn for purposes of grain refinement and
hardenability. Nickel, on the other hand, directly influences
the plastic deformation behaviour of the ferrite matrix.
Specifically, it has been shown that nickel in solid solution
promotes cross slip in ferrite down to temperatures as low as
5O°K(41), this correlates with a decreased DBTT and an increased
Charpy shelf energy. Unfortunately, the amount (>1.0%) cf nickel
required to realize this béneficial effect makes it a rather

uneconomical alloy addition.

To summarize, it appears that significant strengthening
effects can be achieved in quenched and tempered low-carbon steel
by means of grain refinement, precipitation hardening, and

dislocation-substructural strengthening. From the experience with

‘controlled-rolled steels the methods of grain-size control are
well understood. The principles of precipitation hardening and
substructural strengthening are also known, but there is a need

to investigate the conditions of quenching and tempering which
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produce the ideal microstructure. The essential problem is to
identify the metallurgical condition which provides the optimum
combination of yield strength and other mechanical properties,
notably fracture toughness.

Fracture Toughness

The objective of all fracture toughness testing is to
determine a material's behaviour in the presence of cracks or
flaws for different structural configurations. In its simplest
form, the criterion for crack extension is(42)

G=G, =R (4)

where G is the energy per unit area provided by the loaded
structure, (strain energy change plus external work), during an
incremental extension of the crack, and R is the energy absorbed
by the material in the process of crack extension., G is called
the strain energy release rate, and R is the material's resistance
to crack extension or, more commonly, its fracture toughness.

A proper evaluation of the fracture behaviour of an engineering
structure involves two disciplines; applied mechanics which is
concerned with evaluating G for different loading geometries, and
materials science which is concerned with determining R for
different materials.‘ In this report we are mainly concerned with
the effects of metallurgical variables on R for line pipe steels.
However, the mechanics of the fracture of a pipeline must be
considered briefly in order to decide what type of fracture-

toughness test is most suitable for the problem at hand.

From the point of view of crack propagation, gas pipe-
lines are unstable engineering structures. In other words, once
a crack has started to move, the loading is such that it will
continue to propagate, (provided the crack velocity is sufficiently
high that the structure is not unloaded by axial decompression).
Examinations of service failures and full-scale burst tests(43’44)

have established that the normal mode of failure is by rapid,
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unstable shear-crack propagation. The crack Spéed is typically

400 to 800 ft/sec (122 to 244 m/sec) for X65 grades, and 800 to 1200
ft/sec (244 to 366 m/sec) for higher- -strength grades. Therefore,

in order to evaluate a material's resistance to this type of

crack propagation, it is necessary to employ a test which
effectively simulates the conditions of rapid, unstable shear

crack propagation which occur in actual pipelines; Tnus, the

ideal test geometry would be one of convenient scale in which an

unstable shear crack could be propagated at the appropriate
velocities, and the corresponding energy absorption measured, v
preferably as a function of crack speed. The importance of such

a dynamic toughness test lies in the possibility that R is
sensitive to crack speed. That is, under conditions of unstable
crack growth the effective value of R conld be different from

that measured by breaking a specimen centaining‘a static crack,

At present, most of the data on fractureAtoughness of line pipe
steels are reported as DBTT, Charpy V-notch energy at a specific
temperature, Charpy shelf energy, or the equivalent values
measured in a - -drop-weight tear test (DWIT). None of these methods
is entirely satisfactory for measuring dynamic toughness
principally because they fail to dlstlngulsh between the energy
required to 1n1t1ate the unstable crack and the energy for
‘propagation. Instrumented Charpy tests indicate that the
proportion of the total impact'energy which is absorbed in
propagation varies from zero at the low-toughness end of the
transition curve to approximately 2/3 at the hlgh end (the
”shelf”)(45) Thus, it could be misleading to compare imnact
energies of different steels at different points on the transition
curve. For comparing different steels and/or metallurgical
conditions, the most reliable tonghness parameter for line pipe
steels is probably the shelf energy measured in a drop-weight,

or pendulum—lmpact tear test.




Although the mechanism of shear crack propagation is
not understood in detail, the process can be described simply as
two sequential events., First, an array of voids forms in the
plastic zone ahead of a stressed crack and, subsequently, the
voids link up leading to extend the crack. This process produces
a fracture which has a"fibrous" appearance at low magnifications,
and the characteristic "dimpled'" appearance at high magnifications(42).
The critical strain (smooth specimen) or the critical crack-opening
displacement (notched specimen) at which fracture occurs is the
strain at which the voids begin to link up. It is possible for
the voids to form continuously with increasing strain and to remain
stable, but once they begin to link up, crack extension and

fracture occur immediately(46’50).

In order to evaluate the
effects of various metallurgical parameters on fracture toughness
it is convenient to consider the two stages of the fracture

mechanism separately.

The nucleation of internal voids is usually controlled
by the distribution and type of second-phase particles. Weakly
bonded brittle particles will fracture or decohere from the
matrix at low stresses and strains to form an array of holes
whose size and spacing are approximately equal to those of the
particles, Non-metallic inclusions in steel fall in this category.
More strongly bonded brittle particles require higher stresses
to nucleate internal voids., Particles in this category tend to be
0.1 to lym 1in size, an example being cementite in steel in the
form of pearlite, spherodite, bainite or grain-boundary carbide.
Very strongly bonded tough particles do not fracture or decohere
easily and in this case, (and in the absence of any second-phase
particles), the voids often form where slip bands intersect obstacles

such as grain boundaries or other slip bands.

For steel, the nucleation sites of the internal voids
vary with the strength level, At low yield strengths
(Uy < 80 ksi, 550 MN/m2), the non-metallic inclusions are the

important void-nucleation sites. These particles, which are
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present in all commercial steels are extremely weak and form an
array of internal voids at very low strains. Often, structural
members will have a pre-existing array of internal voids resulting
from fracture of the inclusions during fabrication. The fracture
toughness of such steels can be increased by dedreasing the

volume fraction of such inclusions, or by making them more
equiaxed, (Figure 14). For steels having higher strengths

(Uy =100 to 150 ksi, 690 to 1030 MN/mz) the cementite particles
appear to be the important void formers. Of course, voids also
form at the nonmetallic inclusions, but it is the fractured

carbides which link up and cause crack extension(46).

Once again,
the fracture toughness is. controlled by the volume fraction,
digstribution, and morphology of the carbide partiéles. If it is
not feasible to reduce the volume fraction by lowering the carbon .
content, a considerable improvement in toughness, can be realized
by controlling. the distribution and shape of the carbides. A fine,
homogeneous distribution of equiaxed carbides is best(47). There-
fore, pearlite, bainite, and carbides 6n grain boundaries or sub-
boundaries are to be avoided. By this standard,the microstructures
which can be obtained in quenched and tempered low-carbon steel
should produce superior toughness. The effects of volume fraction
and type of second-phase particles on the toughness of steel are
summarized by the data in Figure 15.

The character of slip in the matrix also influences the
formation of voids at second-phase particles. The local strain
in a slip band, €* is given by

€* = €

(5)

AT

where ¢ is the average macroscopic strain, d is the slip-band
spacing and w is the width of the slip bands, (Figure 16). Because
the maximum shear stress at the interface of a nonwdefOrming'

particle is a function of the local strain in the impinging slip
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band (48)
Tmax = Gf€* (6)

-where G is the matrix shear modulus, and f is the volume fraction
of particles, the stresses and strains at the particle interfaces
are higher for a non-homogeneous slip character. That is, other
things being equal, for a given average macroscopic strain, the
number of voids at particles should increase with the ratio d/w.
In this way the basic slip mechanism in the ferrite matrix can
affect the distribution of internal voids and, hence, the fracture
toughness. Unfortunately, it is difficult to arbitrarily control
the slip character without affecting other properties, notably
yield strength. However, it is a factor to be considered in alloy

development.

It can also be rationalized that the well-known inverse
relationship between grain size and fracture toﬁghneés is due in
part to an effect of grain size dn the void-nucleation process.
Equation (6) refers to the stress due to the "geometrically-
necessary" dislocations which form at the interface of a non-
deforming particle to maintain compatibility, as illustrated by
the lower particle in Figure 16. 1In addition, a particle can
experience a stress due to a pile-up of glide dislocations in the
impinging slip band. The magnitude of this contribution to the-
stress is a function of the length of the pile-up and, thus, is

(47)

limited by the grain size The little experimental data

available indicate that the effect of grain size on toughness is
small compared with the effect of secdnd—phase particles(49).
However, with increasing strength level the relative importance
of second~phase'particles decreases. For the highest-strength
steels (gy >200 ksi, 1880 MN/mz), it appegrs that slip is
extremely non-homogeneous and that the internal voids nucleate
directly at the slip bands(51)‘ A
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The process of void growth and coalescence at a crack

(42). No theoretical model

tip has not been treated rigorously
exists which can predict the strain or crack-opening displacement
at which void coalescence begins. However, some qualitative
features of the process are reasonably well established. From
the above discussion of the Void~nucieation‘process it is
apparent that the most close1y>spaced voids are the ones which:
will link up. The simplest model predicts that 1ink up will take

place when the average strain is equal to \/2r, where )\ is the
centre-to-centre spacing of the voids, and r is the particle

radius. For randomly distributed spherical particles this
reduces to a simple relation between fracture strain and the
volume fraction of second-phase particles which have voids

associated with them,

€p = 0.64 £1/3 | (7)

Equation (7) correctly predicts some of the important effébts of -
microstructure on fracture toughness. Other fhiﬁgs being equal,"
the fracture toughness should decrease as the volume fraction of
cracked or decohered particles increases. This is in agreement
with the well-established fact that the foughness of‘structural
steel varies inversely with the inclusion content. Because the
volume fraction of voids at a given strain tends to increase with
increasing yield strength, there should also be an inverse relation
between yield strength and fracture toughness. This is also a‘
well—established fact but, to the author's knowledge, it has not
been previously rationalized in this way using the simple void-
coalescence model. Equation (7) is limited by the fact that it
assumes a homogeneous strain throughout>fhe crack-tip plastic

zone without taking_into account localized strain due to

state of stress ormicro-deformation mechanisms. As deformation
becomes increasingly non-homogeneous the critical strain for void
coalescence cén be achieved at progréssively'lower average macro-
scopic strains, according to Equation (5). Therefore, factors
which prevent highly localized strain, such as high rates of work

hardening and a homogeneous slip character should improve fracture
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toughness. At low deformation rates (é ~0.1 min—l), iron and

mild steel have low rates of work hardening(46)

(52)

and an extremely
non-homogeneous slip character However, it is the properties
at much higher strain rates that are relevant to dynamic tough-
ness. Here, the situation is very confused. It appears that

for b.c.c. crystals the rate of work hardening decreases and

slip also becomes more homogeneous as the strain rate is
increased(ssy. Introducing obstacles such as non-deformable
particles, which should make slip more homogeneous may also
increase the volume fraction of voids and end up being counter-
productive. The significance of the dislocation substructure is
equally unclear. For unrecovered, tangled,dislocation
substructures there is generally a decrease in toughness with
increasing dislocation density. However, this trend can be
reversed by introducing sufficient cold work and employing a
suitable annealing treatment to form a recovered substructure

with a small subgrain size(54).

The aforementioned effect of
nickel as an alloy addition is also relevant in this respect.
Nickel apparently makes slip more homogeneous by promoting cross
slip and this is accompanied by a significant increase in

toughness(40’41).

Obviously, it is impossible to make any
quantitative predictions about the spécific influence of these
various microstructural parameters on fracture toughness. The
general trend which is difficult to escape is the decrease in
toughness with increasing yield strength. This trend can also
be rationalized by the void coalescence mechanism in that a
decreased rate of work hardening and, hence, increasingly
localized deformation usually accompany increases in yield

(42)

strength (Figure 17).

Despite the uncertainty about the details of the
mechanism of shear-crack propagation, some qualitative statements
can be made about the fracture toughness of quenched and
tempered line-pipe steel. The volume fraction of internal voids,

for a given strain, can be reduced by
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reducing the inclusion content
making the inclusions more equiaxed

reducing the carbon content

W N

ensuring that the second-phase transformatlon products
are homogeneously distributed and equiaxed

5. refining the ferrite grain size.

Obviously, there are practical limits to the extent to which any
of these methods can be employed. It appearg that, for quenched
and tempered low—carbon steel having yield: strengths up to

100 ksi (690 MN/m ), the volume fraction and distribution of the
transformation products are such that they do not contribute

significantly to the volume fraction of internal voids, f
during straining. Therefore, fv is determined largely by the

v}

amount, shape, and type of non-metallic inclusions, and these
parameters should be controlled to the limit of practicability,
Refining the ferrlte grain size is also an efflclent way of
limiting fv. Given the best relation between f and strain that
can be obtained, the strain at which the voids 11nk up and,
hence, the fracture toughness, is’determined by the plastic
deformation behaviour of the ferrite matrix. A considerable
research effort is required to clarify the effects of the various
metallurgioal parameters on the void coalescence process, and to
synthesize the microstruoture with the optimum combination of
strength and toughness. At present it appears that alloying with
nickel is definitely beneficial, although the cost may be
prohibitive for line pipe steeli The slip character in Quenched
and tempered steels is more homogeneous than 1npearlltlc steels(ss)
which is encouraging. However, on a macroscopic scale, the work
hardening rate of Quenched and tempered steel is still very low
(Figure 12).
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Formability, Weldability and

Stress-Corrosion Susceptibility

Because good formability is essentially a matter of
avoiding localized strain and fracture during the forming operation,
the same considerations apply as for ductile fracture. This
sub ject has recently been discussed by Wilson(56). For the
specific problem of forming line pipe it is germane to note that
the presently existing pipe-forming equipment could be used for
the higher—strength quenched and tempered steels. This is due
to the fact that the pipe would be formed before the final
strength is achieved by heat treatment.

The critical welding operation for quenched and
tempered line pipe will be the circumferential weld which will
be made in the field. For the purpose of alloy development, the
aforementioned rule of thumb that the carbon-equivalent value
should be less than 0.40 is as good a criterion as any. By this
standard the low-carbon steels that are envisaged for quenched
and tempered line pipe should be quite satisfactory. However,

it will be necessary to perform extensive tests of the weldments.

The stress-corrosion cracking of line-pipe steel has

recently been reviewed by Biefer(57).

It would appear that this
type of failure should not be a significant problem for the yield
strengths and operating conditions which are anticipated for a

northern pipeline.




SUMMARY - AND CONCLUSIONS

The practical limits .of strengtﬁ of controlled-rolled
line pipe steels are being approached with the recently developed
Grade 70 steels. It appears that alternative types of
steels and processing techniques must be considered for higher-
strength line pipe material. For large-diameter, heavy-walled
‘line pipe in which 80 to 100-ksi (550 to 690-MN/m?) yield strength is
required, quenched and tempered low-carbon steels (<0.1 C) offer
an attractive combination of strength, toughness, formability,
weldability, and economy of production, The combined effects
of an extremely fine ferrite grain size, a disperSibn of
alloy carbonitride precipitates, and a.dislocation substructure
make it possible to'achievé a higher yield strength per alloy
content with a quench and temper treatment than by controlled
rolling alone.

L.ine pipe could be'produced‘in the quenched and tempered
condition by either of two methods: '

1. -make the pipe from as-controlled-rolled-and-
quenched plate, and develop the required
‘mechanical properties by tempering the pipe;

2. make the pipe from as—roiledrplate and '
sub ject the pipe to a reheat—quench and
temper treatment. ‘

Some generalizations can be made about the control of micro-
structure and the relation between microstructure and mechanical
properties for this type of steel, but commercial production of
line pipe by either of these two methods would require extensive
developmentalyresearch to delineate the processing conditions

which produce the optimum combination of mechanical properties.
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The final microstructure of quenched and tempered low=
carbon steel can be controlled by varying the alloy content,
hot-rolling schedule, cooling rate, austenitizing treatment
(for the reheat-quench-temper process), and tempering treatment.
The general procedure is;:

1. minimize the austenite grain size by alloying
with niobium, vanadium, aluminum, or titanium
and by controlling the rolling schedule;

2. ensure that the austenite transforms to a
fine-grained ferrite by alloying with
niobium and manganese to lower the trans-
formation temperature, by having a low
finishing temperature (or a low austenitizing
temperature for a reheat-quench process), and
by having a fast cooling rate; any carbides
present in the as-quenched condition should be
homogeneously-distributed intragranular preci-
pitates rather than pearlitic, bainitic or grain-
boundary carbides:;

3. develop the required distribution of alloy
carbides or carbonitrides by a suitable

tempering treatment.

The required yield strength is obtained by the
combined effects of the fine grain size, dislocation substructural
strengthening, and precipitation hardening. Solid-solution
strengthening is not an important strengthening mechanism in
this class of steels, but certain alloy elements, notably nickel,

can be used to advantage to promote a homogeneous slip character.

The predominant failure mode in pipelines is rapid,
unstable shear-crack propagation. The crack extension mechanisnm
is one of repeated nucleation of internal voids (usually at
second-phase particles) and coalescence of the voids by plastic
strain. In line pipe steel the most important void-nucleation

sites are the non-metallic inclusions, but with increasing
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strength level the second-phase transformation products (carbides,
nitrides, etc.) become increasingly.important. The volume
fraction of internal voids, for a given strain, can be reduced

by:

reducing the inclusion content,
. - making the inclusions more equiaxed,
reducing the carbon content,

w» W N

. ensuring that the second-phase transformatibn.
products are homogeneously distributed and
equiaxed,

5. refining the ferrite grain size.

Given the best relation between strain and the volume fraction

of internal voids that can be obtained, the strain at which the
voids 1link up and, hence, the fracture toughness, is determined
by the plastic deformation behaviour of the ferrite matrix.

The highest toughnesses should be associated with a homogeneous

slip character and a high rate of work hardening.
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